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 IN738LC is a modern, nickel base superalloy utilized at high temperatures in 
aggressive environments. Durability of this superalloy is dependent on the retention of 
strengthening by γ ′ precipitates. 
 The precipitate growth features in the duplex size (fine and coarse) precipitate 
distribution was studied by heating the alloy for various times in vacuum at selected 
temperatures in the range 800 °C to 1100 °C. Increasing the holding times from 1 hour to 
100 hours shows joining of the fine particles to form bigger particles, leading to distinct 
raft patterns. Two different γ ′ precipitate growth processes had been observed: merging 
of smaller precipitates to produce larger ones (in duplex precipitate-size microstructures) 
that is, both the fine and the coarse precipitate particles grow with time, apparently by the 
particle movement in the matrix and coalescence – by the particle agglomeration 
mechanism (PAM), and growth through solute absorption from the matrix (Ostwald 
Ripening). 
 At 1100 °C the fine particles grew to the size of the coarse particles in about 100 
hours and a single coarse size of about 840 nm was obtained. The activation energies for 
the growth of both the fine and coarse particles decrease with increase in temperature and 
size of the particles indicating that the coarser particles require less activation energy for 
the growth than the finer particles. This is attributed to the greater attractive force with 
which the coarser particles would attract the finer particles, in the overlapping diffusion 
zone thus requiring less activation energy for the growth. The activation energy for the 
precipitate growth in the duplex size range also was found to decrease progressively with 
increasing particle size at a given high temperature.  
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Chapter 1. Introduction 
1.1 General 
Superalloys belong to an important class of complex materials that exhibit high 
strength and oxidation resistance at elevated temperatures from 650 oC to 1100 oC in 
aggressive atmospheres as found in high temperature catalytic reactors, gas turbines, etc., 
and have made much of prevalent high temperature engineering possible [1]. They can be 
divided into three broad classes: Ni-base superalloys, Co-base superalloys and Fe-base 
superalloys. Ni-base superalloys have found widespread applications because of their 
excellent corrosion resistance, high strength coupled with ductility, creep and fatigue 
resistance, optimal impact and wear resistance and capability of offering excellent  
physical and mechanical properties at high temperatures.  The γ ′ phase is the key factor 
responsible for the extraordinary, useful high temperature properties. This phase that has 
an ordered superlattice structure precipitates out of the matrix coherently and provides 
precipitate hardening. 
IN738LC is an investment casting superalloy, which is frequently used for high 
temperature applications, especially for buckets and blades in stationary gas turbines [2].  
Mechanical properties of this alloy are well known at high temperatures. Solid solution 
strengthening of the FCC γ  Ni-base matrix and dispersion of the γ ′ Ni3Al (Ti, Nb) 
intermetallic precipitate phase having the ordered FCC L12 structure (ordered structure of 
the Cu3Au-type, wherein Ni atoms occupy the centers of the cube faces and the (Al, Ti) 
atoms the corners of the cube) with suitable shape, size and volume fraction in it results 
in the useful properties of IN738LC. The γ ′ phase in general has a coherency relationship 
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with the matrix [3]. Good thermal stability of the desired microstructure is achieved by 
minimizing the '/ γγ misfit (and hence the interfacial misfit energy). The chemical 
composition of many wrought nickel base superalloys are controlled to provide very high 
volume fractions of γ ′ precipitates (up to 0.75), and the formation of γ ′ during 
commercial heat treatments generally involves very high nucleation densities. The 
precipitate morphology achieved, therefore, is frequently related to the coarsening 
behavior of the γ ′ phase, since the full volume fraction is attained very early in the 
thermal history of the material [3].  
Thus the successful utilization of the superalloy IN738LC is dependent on its 
microstructural stability; hence, microstructure control and stabilization is very necessary 
when the alloy is used at high temperatures. Properties of this superalloy with the 
microstructure having developed a duplex size distribution of the γ ′ precipitates are 
governed by the variations in the microstructure. It has been observed that increasing the 
holding times from 1 hour to 100 hours shows agglomeration of the fine particles to form 
bigger particles, as well as joining of fine particles with the nearby coarser particles, 
eventually leading to rafting. (Rafting refers to alignment of adjacent particles along low 
energy, <100> directions and later their joining with each other forming linear chains). 
1.2 The γ  and γ  ′ Phases 
Both the γ and γ ′ phases have the FCC crystal structure. The γ ′ phase is long range 
ordered and coherent with the matrix γ phase. Two distinct atomic positions involved are: 
1. Face centers of the FCC elemental cells. 
2. Corner positions of the FCC elemental cells. 
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γ ′ has the crystal structure of the ordered Cu3Au phase and this ordered superlattice 
is designated L12. In the binary ordered Ni3Al - γ ′ phase, Ni occupies the face centers, 
while Al occupies the corner positions. In multiple component γ ′ phases, the face centers 
and the corner atoms have to be characterized experimentally. Karg, et. al. [4] delved into 
this for various commercial and experimental alloys. The authors stated that heat 
treatments below 1363 oK do not significantly affect the distribution of the elements in 
their respective sites. Since the γ and γ ′ interface is coherent, the interface energy Γ γ γ ′ 
(per unit area) is small, which ensures homogeneous nucleation of the γ ′ phase.  
It is to be noted that the fine coherent γ ′ precipitates embedded in the γ matrix are 
normally constrained. They are forced to adjust their lattice constants somewhat to that of 
the matrix. The relative difference in the lattice constant of such constrained particles is 
called the constrained lattice misfit ε . If aγ and aγ ′ are the unconstrained lattice constants 
of the respective phases, the unconstrained lattice misfit parameter δ is defined as: 
     δ = (aγ  - aγ ′) / aγ …………….……………………(1) 
 Mott and Nabarro [5] related ε to δ , the bulk modulus Kp of the precipitate 
and the shear modulus Gm of the matrix [6]. 
     ε = δ / {1+ 4Gm/3Kp} ……………….………..…(2) 
1.3 The Role of Alloying Elements in the Design of the Superalloy 
A few of the vast number of reviews have been published on the defect structure 
and precipitate defect interactions [7], microstructural characteristics [8], and structure 
property relations [9] in nickel base superalloys. Since the publication of these reviews 
there has been considerable progress in the understanding of the role of the various 
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constituents of Ni-base superalloys. The constituents of Ni-base superalloys have been 
classified into solid solution formers, precipitate formers, carbide formers and surface 
stabilizers. The role of each constituent element has been critically assessed.  The 
precipitate formers have been analyzed and the occurrence of Ni3X type compounds, 
their structure, crystallography of their precipitation, role of alloying additions on the 
coherency of these precipitates, etc., have been considered [10]. 
1.4 Hardening of Ni-base Superalloys 
The strength of a Ni-base superalloy, hardened through precipitation, is related to 
volume fraction and distribution of the γ ′ intermetallic precipitate phase and the γ ′ 
particle size [11]. These parameters are the result of high temperature services or various 
heat treatment processes. The knowledge of the influence of time and temperature on the  
γ ′ precipitate phase is of prime importance due to the technological application of the 
superalloys at high temperatures. Precipitation or dissolution mechanisms are such that 
the volume fraction balance of the γ ′ precipitate phase is quickly established at an ageing 
temperature, successive changes being only to particle growth. These parameters can be 
controlled by varying the heat treatment parameters [12]. The theory of controlled growth 
of particles through diffusion has been formulated by Lifshitz and Slyozov [13] and by 
Wagner [14], known as the combined LSW theory (the volume fraction of γ ′ varying 
between 9 to 75 %). In this case the driving force of the precipitate growth is the decrease 
of the precipitate overall superficial energy [15]. The LSW theory predicts that the 
average radius, r, of an equimaxed particle would increase in time, t, according to the 
equation: 







3 tK)rr( =− …………..……………………..(3) 










where γ  is the interfacial energy between the precipitate and the matrix, D is the solute 




(expDD 0 −= , where Q is the diffusion activation energy…….…(5) 
Ce is the concentration of the solute balanced with a precipitate of radius ∞ ,  Vm is the 
molar volume of the precipitate, cρ is a numerical constant related to the precipitate 
distribution size, R is the universal gas constant and T is the absolute temperature. The 
first growth theories were developed by Greenwood [16] for small volume fractions of 
the γ ′ precipitate phase. The LSW theory is also applicable when the γ ′ volume fraction 
is small. It is to be noted that when the volume fraction of γ ′ is large the diffusion 
distance becomes shorter. The effect of volume fraction on the precipitate growth was 
treated theoretically by Ardell [17].  It has been observed that the larger the volume 
fraction of the precipitate, the bigger is the particle. Ardell [18] has demonstrated that 
coarsening of the γ ′ in the Ni-Al and Ni-Cr-Al systems follows a diffusion-controlled 
model in which LSW theory is obeyed. However the coarsening rate has been shown [19] 
to be independent of the γ ′ volume fraction.  
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1.4.1 Induction Ageing of IN738LC 
 Influence of induction heating on IN738LC was investigated [20] and it was 
observed that desirable characteristics of the γ ′ precipitates was achieved in induction 
ageing at lower time and temperature in comparison with times and temperature of other 
types of ageing. Improvement of the microstructure obtained in induction ageing was 
related to the existence of an external electromagnetic force produced by induction 
current. This electromagnetic force raised the effective driving force necessary for the 
age hardening process and intensified the nucleation and growth of the γ ′ precipitates. 
1.4.2 γ  ′ Precipitate Particle Coarsening  
The review paper by Jayanath and Nash [21] deals with the factors affecting 
particle-coarsening kinetics and size distribution and delves into the theories governing 
these phenomena. The LSW theory [13, 14] was developed to model kinetics of 
precipitate growth from supersaturated solid solutions. The theory corresponds to a zero 
volume fraction approximation, but has been modified for finite volume fractions in order 
to correspond to real situations. The LSW theory predicts the average particle volume to 
increase linearly with time and also predicts an asymptotic particle size distribution 
resulting from coarsening. In the LSW theory, Zener’s approximation was adopted for the 




dr r−= ……………………………………..…..(6) 
Here C is the concentration of the solute in the matrix in equilibrium with a 
particle of infinite radius. The above approximation becomes poor as the inter-particle 
distance decreases, corresponding to an increasing volume fraction, because the diffusion 
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field begins to overlap. In many commercial alloys second phase volume fractions of 
approximately 60 % are encountered. Thus the volume fraction effect is of considerable 
importance. Ardell [17] proposed a modification of the LSW theory by modifying the 
diffusion equation to take into account the volume fraction, using more realistic diffusion 
geometry. Many other theories [22-26] approached the problem of multi particle 
diffusion and accounted for the volume fraction of second phase particles with a basic 
approach. However, none of these theories takes into account particle coalescence. 
Coalescence is a volume fraction effect in addition to the overlap of diffusion fields. The 
effect of coalescence between particles has been investigated by David, et al. [27, 28] 
based on the theoretical treatment outlined by Lifshitz and Slyozov [13] and this 
modification is termed Lifshitz – Slyozov Encounter Modified theory (LSEM). It is 
assumed that coalescence occurs instantaneously when two particles encounter, i.e., two 
particles are removed from the smaller size range in the distribution and one is added to 
the larger size range. Coalescence is important in liquid-matrix systems, but is reduced in 
solid-state systems because of matrix strains around precipitates. In solid state systems 
with particles having ordered structures, coalescence might lead to the formation of APBs 
(Anti Phase Boundaries), which generally have much larger interfacial energies than 
particle / matrix interfaces. 
1.4.3 γ  ′ Precipitate Particle Coalescence 
At high volume fractions the possibility of coalescence or encounters of two 
adjacent precipitate particles is very high. This phenomenon has been observed in both 
solid phase systems [19, 27] and liquid phase systems [29, 30]. There is some 
controversy over the physical mechanism of encounters. Davies, et al. [27] proposed that 
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if two precipitate particles are close enough to each other they coalesce forming one 
particle. Essentially it involves the overlapping of diffusion fields of the precipitate 
particles, but not necessarily physical contact in the initial stages. Once the particles have 
coalesced, the resulting particle shape is then considered to change rapidly to the 
equilibrium shape by particle/matrix surface diffusion. According to Doherty [31] 
coalescence occurs when the particles attract each other and move together. The driving 
force of this attraction is the removal of the elastically strained matrix between the two 
precipitates due to lattice parameters of the precipitate and matrix being different, i.e., the 
process depends on lattice mismatch. Doherty [31] substantiated his model of 
coalescence by referring to the results of Rastogi and Ardell [32] in which they found that 
as the lattice mismatch increased there was an increase in the maximum observed radius 
value and also the PSD (particle size distribution) broadening. It is to be noted that the 
LSEM theory models the coalescence events independent of the exact mechanism by 
which it occurs, because the interaction volume for coalescence is a variable which may 
simply be increased, if there is a longer range interaction as assumed by Lifshitz and 
Slyozov [13] and Davies, et al. [27]. A different mechanism of coalescence has also been 
proposed in liquid phase sintered systems. Kang and Yoon [30] proposed that when the 
grains touch each other, the coalescence of grains takes place by a migration of the grain 
boundary between them towards the smaller grain. This may be due to the rapid diffusion 
along the particle/matrix interface as soon as a neck is formed between the two grains. 
Kang and Yoon [29] observed that the activation energy for coarsening remained 
constant with change in volume fraction, indicating that the dominant mechanism for 
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coarsening of grains is still volume diffusion through the matrix even though the particles 
are touching each other. 
1.4.4 Long Time Growth of γ  ′ Precipitates in IN738LC 
In IN738LC, after initial heat treatment resulting in the presence of two distinct γ ′ 
precipitate populations [33], the variation with cube root of exposure time of the  
γ ′ precipitate size has been reported to be complex. On ageing, it has been observed that 
the mean size of the larger population of primary particles remained fairly constant at a 
value of about 0.35 µ m, whilst that of the smaller size population of secondary particles 
increased. The rate of coarsening of the secondary particles making up the duplex γ ′ 
precipitate morphology was seen to be dependent on the ageing temperature. Subsequent 
growth of the primary particles occurred only when the overall size distribution appeared 
to be unimodal and the growth obeyed the 3
1
t  law. The maximum size attained by the 
secondary particles has been observed to be about 0.15 – 0.17 µ m, and further ageing 
resulted in their rapid disappearance. The change in size of the primary particles has been 
considered to be closely related to a change in shape. The original heat treatments [33] 
resulted in cuboidal precipitates (0.35 µ m in size) consequent to the high degree of 
mismatch between the matrix and the γ ′ precip itate phase, but on initiation of the growth 
of the γ ′ precipitates, they transformed to roughly spheroidal particles. 
The driving force for the growth of the primary particles has been stated to be the 
reduction in the total mismatch strain and this process is said to be operative only when 
the secondary solute particles have attained a size and surface concentration comparable 
with those of the primary particles (0.15 – 0.17 µ m in size). Subsequently the essentially 
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single size population experiences normal growth kinetics. As the growth proceeds, 
ageing changes the matrix composition and hence decreases the mismatch and promotes 
spheroidization, (Figures 1 and 2) [33], with which our experimental results, concur. 
                   
 
Figure 1: Microstructure of IN738LC      Figure 2: Microstructure of IN738LC after 
after annealing for 360 hours at 750 oC.   annealing for 15,000 hours at 750 oC. 
 
1.4.5 Characteristics of the γ  ′ Precipitates and Influence of Various Heat 
           Treatments in IN738LC 
 
As in other Ni-base superalloys, γ ′ precipitates in IN738LC contribute to 
strengthening of this alloy at high temperatures. In the study by Balikci and Raman [34], 
the authors investigate the characteristics and mechanisms of the γ ′ precipitate 
dissolution into the matrix solid solution. It has been observed that the γ ′ precipitates 
grow in single size particles of cuboidal shape up to 1130 °C, above which precipitate 
dissolution leads to a duplex-size precipitate microstructure upon quenching from the 
temperature range 1140–1150 °C. The duplex-size precipitate microstructure is seen to 
consist of two very distinct sizes of precipitates (fine and medium coarse). It is observed 
that holding for longer times in the temperature range 1140–1150 °C does not coarsen the 
 - 11 -  
fine precipitates of the duplex microstructure. Thus the source for the formation of the 
fine precipitates in the duplex microstructure is said to be the dissolution of the newly 
grown smaller-sized precipitates when the annealing starts from fine size precipitates and 
the “corner dissolution” of coarse precipitates when the starting microstructure consists 
of the maximum-sized cuboidal precipitates. At and above 1160 °C, the duplex as well as 
the coarse precipitate microstructures are seen to dissolve totally into the matrix to form a 
single-size fine precipitate microstructure of size 70 nm upon quenching from any 
temperature up to 1225 °C. A single-phase solid solution with no precipitates has been 
obtained only upon quenching from 1235 °C or above. The dissolution of coarse 
precipitates and formation of the fine ones are found to be very fast processes in the 
corresponding temperature ranges. The fine precipitates are postulated to form during 
quenching from the temperature range 1140–1225 °C and are considered to be of the 
“cooling” type.  
The microstructure development of IN738LC has also been studied by Balikci 
and Raman [35]. As detailed in the literature, 1120 °C / 2h / AAC (accelerated air 
cooling) solution treatment produces a bimodal precipitate microstructure, which is not 
an adequate solutionizing procedure to yield a single-phase solid solution in the alloy. It 
has been detailed in [35] that 1235 °C / 4h / WQ (water quenched) solution treatment 
does produce a supersaturated single-phase condition. A microstructure with fine 
precipitates is observed to develop if solutionizing is carried out as 1200 °C / 4h / AAC. 
Ageing at lower temperatures after 1200 °C / 4h / AAC or WQ promotes precipitate 
growth in single size mode. Annealing below ~ 950 °C for 24 hours yields nearly 
spheroidal precipitates, while single ageing for 24 hours at 1050 °C or 1120 °C produces 
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single size cuboidal precipitates. Two different γ ′ precipitate growth processes were 
observed: merging of smaller precipitates to produce larger ones in duplex precipitate 
size microstructure (particle agglomeration mechanism) and growth through solute 
absorption from the matrix (Ostwald Ripening). The average activation energies for the 
growth processes has been reported as 191 kJ/mole and  
350 kJ/mole in the ranges of 850 °C to 1050 °C and 1050 °C to 1120 °C, respectively, for 
the latter process. 
1.5 Microstructure Development 
IN738LC is a Ni-base polycrystalline low carbon superalloy. Like other 
superalloys, IN738LC owes its exceptional properties to its FCC Ni-rich matrix 
strengthened by the γ ′ Ni3(Al, Ti) precipitate phase with the L12 superlattice structure. 
This alloy is investment cast and has about 40 - 43 % γ ′ Ni3Al(Ti, Nb) intermetallic 
precipitate phase in Ni-rich solid solution matrix [36-42]. This superalloy was patented in 
1969 by C. G. Bieber and J.J. Galka [43], assignors to the International Nickel Company, 
Inc., NY. 
The microstructure of the IN738LC alloy with the matrix (FCC) phase and the 
duplex size γ ′ precipitate phase particles are shown in Figure 3. The single phase γ ′ 
Ni3Al persists with the long-range order upto its melting point of 1380 °C, which is still 
above the liquidus range (1340 – 1375 °C) of IN738LC [44]. It has been observed from 
microstructural studies that negligible amounts of fine M23C6-type carbide at grain 
boundaries and large block MC-type carbides at the grain boundaries as well as in the 
matrix are present in the alloy. 
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Figure 3: Microstructure of the γ ′ precipitated IN738LC alloy showing duplex 
                   precipitate size distribution. The fine particles are ‘cooling precipitates’. 
 
Carbide formation during different cooling rates from the melt was studied by  
Liu, et al. [45, 46]. It has been reported from their work that slow cooling rates produce 
more of large block MC carbides, and carbide refinement was observed with fast cooling 
rates and after cooling from temperatures close to 1595 °C, which is far above the 
melting range (1340 – 1375 °C) of carbides.  
IN738LC is investment cast and often HIPed (Hot Isostatic Pressed) to remove 
microporosity. Due to HIPing, which is carried out at a temperature of about 1200 °C in a 
neutral atmosphere, the superalloy is likely to be solution treated. The standard 
commercial ageing treatment for IN738LC consists of two steps: 
• Solutionizing 
• Ageing   
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The solution treatment is carried out at 1200  °C for 2 hours and then cooling to 
room temperature usually by the process of accelerated air cooling (AAC)  (blowing air) 
or by water quenching (WQ). Reheating the material to 850  °C and holding for 24 hours 
and furnace cooling (FC) thereafter to room temperature is the industry standard ageing 
treatment. This ageing process produces a bimodal γ ′ precipitate microstructure 
consisting of a cuboidal (approximately 450 nm) and spheroidal (approximately 80 nm) 
precipitate morphology [47]. 
To suppress the formation of spheroidal precipitates and to obtain a unimodal-
cuboidal precip itate microstructure, other heat treatment processes have been developed. 
The heat treatment sequence is a proper solution treatment followed by a combination of 
two-step ageing. As per industry standard, solution treatment is carried out at a 
temperature of 1120 – 1250 °C for 2 to 4 hours, followed by the first ageing being carried 
out at a temperature in the range 950-1100 °C. Subsequently the superalloy is cooled 
down to the second ageing temperature of about 650 – 950 °C for a time period and later 
cooled to room temperature. A variety of holding times of 12 to 200 hours have been 
reported in the literature for both the ageing treatments and also different cooling rates 
are detailed for either of the treatments.  
It has been observed that with slow cooling rates subsequent to final ageing, 
spheroidal precipitates tend to become unimodal cuboidal with long periods of ageing 
times of about 100-200 hours at around 1000 °C [42, 48].   To understand the coarsening 
features of the second phase precipitate particles, a number of experimental and 
theoretical studies have been carried out [27, 31, 48-68]. The precipitate evolution 
process contributing to the minimization of the total free energy of the system, having 
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two contributing factors, the interfacial energy and the elastic strain energy, as well as the 
coarsening behavior of positively or negatively misfitting precipitates in the matrix, has 
been considered. It has been observed and postulated that the elastic strain energy due to 
the elastic self-energy and the configurational energy of the particles may be responsible 
for coarsening of the precipitates. In the early coarsening stage, the interfacial energy 
dominates the morphological evolution, and later, when the precipitates reach a critical 
size, the elastic strain energy takes over. Directional alignment of the coarsening 
precipitates along the elastically soft <100> direction in the Ni alloy system has been 
observed and ascribed to the tendency of the system to minimize its free energy. 
It is necessary to note that only through thermo-mechanical treatments it is 
possible to obtain a refined grain distribution in a metallic material. Normal  
thermo-mechanical processes yield a recrystallized microstructure having reduced grain 
size through the interactions between grain boundaries and precipitates [69]. Any 
subsequent microstructure modification is mainly affected by the dissolution or 
reformation of the precipitates. Thermal Cycling is a recently developed method to obtain 
refined microstructure. The grain size reduction in this method is owed to the grain 
boundary and precipitate interactions [70]. A method of thermal cycling treatment was 
reported to have produced a microstructure whose grain size was half that of the original. 
It has been also reported that grain boundary liquidation can arrest the grain growth, 
evolving a reduced grain size [71].  Formation of fine subgrains (mosaic) during the 
annealing process is also well known [72]. 
Second phase precipitate dissolution has been an issue for a long time. For the 
dissolution of precipitates into the matrix, different mechanisms have been proposed, as 
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for example, the interactions and concentration gradient in the precipitate – matrix 
interface to account for the dissolution of the precipitate phase [73]. A three-step model 
for second phase particle dissolution involving decomposition of the particles, crossing of 
the boundary and long distance diffusion has been proposed [74]. The importance of 
interface interactions as rate controlling processes for the dissolution of the single phase  
γ ′ Ni3Al precipitates has been emphasized.  
1.6 Research Motivations and Objective 
Microstructure control and stabilization is very necessary for the effective 
utilization of the superalloy IN738LC at high temperatures. Developing suitable 
processes to reduce the grain size of the parent phase and  to prevent the matrix grain and 
precipitate growths to improve the mechanical properties of the material are important in 
industrial applications. The current study focuses on the stability of the duplex size γ ′ 
precipitate microstructure in the alloy. 
A standard heat treatment that is generally applied in the industry to IN738LC, is a 
solution treatment at 1120°C/2 h/WQ and a subsequent aging treatment at 
850 °C/24 h/FC. This treatment gives the duplex size distribution for the γ ′ precipitates in 
the matrix. A microstructure with fine γ ′ precipitates develops if the treatment is carried 
out as 1200  °C/2 h/AAC. Annealing at lower temperatures after 1200 °C/4 h/AAC or WQ 
conditions leads to precipitate growth. Aging at 1120°C/24 h/WQ produces coarse size γ ′ 
precipitates. Further heating of the above specimens at 1140°C/6 h/WQ leads to partial 
dissolution of the coarse precipitates and produces a duplex microstructure by forming 
fine ‘cooling precipitates’ upon quenching [75, 77].  
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Furnace cooling from 1200 °C showed joining of the fine particles to form bigger 
particles. Annealing of fine precipitate containing specimens at high temperatures led to 
their coarsening in single size mode and eventually to alignment of particles at some 
stage, causing the slow evolution of raft- like patterns. Two different γ ′ precipitate growth 
processes were observed in general merging of smaller precipitates with adjacent smaller 
or larger precipitates by migration in the matrix (precipitate agglomeration, seen 
commonly in the duplex-size precipitate microstructure) [35] and growth through solute 
absorption from the matrix (Ostwald Ripening) [35, 75, 76]. 
The growth characteristics of the γ ′ precipitate in the duplex size (fine and medium) 
distribution have not been studied. The current research takes up this issue and analyzes 
the simultaneous growth features of both the fine and the medium size precipitate 
particles in the duplex size microstructure, when the alloy samples with the duplex size 
precipitates are heated for different lengths of time at temperatures in the range of 800 °C 
to 1100 °C. 
The work presented in this thesis provides the basic data on the precipitate growth 
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Chapter 2. Experimental Background and Procedures 
2.1 Materials 
The material used in this study is the cast Ni-base polycrystalline, low carbon 
superalloy IN738LC. This material was provided by Howmet Corporation, Whitehall, MI 
in the form of rods with 15 mm diameter and 110 mm length. The investment cast rods 
were HIPed (Hot Isostatic Pressed) at 1185  °C for 2 hours to remove microporocity and 
then cooled to room temperature. The whole process was done in a neutral atmosphere. 
After the HIPing process the superalloy was solution treated at 1120°C for 2 hours, 
followed by an Argon backfill cooling to room temperature, with a cooling rate 
equivalent to air cooling. Annealing was carried out at 843°C for 24 hours, followed by 
an argon backfill cooling to room temperature. HIPing and ageing was carried out by the 
company that supplied the material. The chemical composition of the as-received 
material is given in Table 1 and its precipitated microstructure is shown in Figure 4. 
Table 1  Chemical Composition of As-Received IN738LC 






































2.2 Microstructure Development and Characterization 
For the various heat treatments carried out during the course of this research, the 
above mentioned 15 mm diameter and 110 mm long rods of cast Ni-base polycrystalline, 
low carbon superalloy IN738LC was cut into thin slices. 
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Figure 4  As-received microstructure of γ  ′ precipitated IN738LC alloy showing  
                  duplex precipitate size distribution. 
 
The cutting machine employed to obtain thin slices was the STRUERS brand,  
ACCUTOM – 5 model. An aluminum oxide cut-off wheel, STRUERS 456 CA (useable 
to maximum operational speed of 6300 rpm) was used. The speed and feed parameters 
adopted after several trial operations are given in Table 2. 
Table 2: Speed and Feed Parameters  for Cutting Samples from IN738LC Rods. 
 
Operational Speed 3000 rpm 
Feed 0.08 mm/sec 
Force Low 
Coolant STRUERS coolant (1 part in 33 parts of water) 
 
Small pieces of the alloy IN738LC, about 4 mm thick and 6 mm edge length, were 
cut from the circular discs and then cleaned. The specimens were then individually 
wrapped in a stainless steel foil and sealed in silica tubes in vacuum. The stainless steel 
wrapping was to protect the specimens from contamination while heating in the silica 
tubes and to protect them from oxidation, if any. Solution treatment given to the 
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specimens were according to the following scheme. The alloy was heated to 1200 °C for 
4 hours, to dissolve the solute atoms in the matrix crystal structure. The tubes, each 
containing four to six samples, were quenched in cold water and then reheated at 1120 °C 
for 24 hours resulting in a coarse (of size 700 nm) precipitate microstructure. The 
temperature was then raised to 1140  °C and the coarse precipitates were allowed to 
dissolve partially into the matrix. Water quenching the capsules after 6 hours at 1140 °C 
yielded the fine cooling precipitates resulting in the starting γ ′ precipitate duplex size 
distribution [35]. 
Heat treatment is a procedure of heating the samples to different temperatures for 
different time periods and subsequently cooling to room temperature using specific 
cooling modes. They can vary from quenching in: 
a) Iced salt water, 
b) Water Quenching (WQ), 
c) Air cooling (AC), 
d) Accelerated air cooling (AAC), and  
e) Furnace cooling (FC). 
 
The heat treatment schedules (annealing) chosen in this study are indicated in  
Table 3.  
After the above given solution treatment and attainment of the initial duplex size  
γ ′ precipitate microstructure, the capsules were broken and each specimen was resealed 
individually in a separate silica tube. The annealing consisted of reheating the samples 
under similar conditions (wrapped in stainless steel foils and sealed under vacuum) to 
different time periods. They were annealed at 800, 850, 900, 980, 1040 and 1100 °C for 
periods of 1, 3, 7, 13, 25, 50, and 100 hours. Six to eight capsules, each carrying one 
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sample, were put in the furnace at one of the chosen temperatures and heated for the 
different lengths of time given above. 
Table 3:  Heat Treatment Schedule for IN738LC with the Initial Duplex Size  
                    Precipitate Microstructure (Average Precipitate Size Data is also  
                    Included Wherever They Were Determined) 
 
  





1  3  7  13  25  50  100  
Microstructur
X    X X  
Fine  0.06    0.12   
 
800 
Coarse  0.31    0.38   
Microstructur
    X   
Fine      0.21   
 
850 
Coarse      0.48   
Microstructur
 X  X X X  
Fine      0.28   
 
900 
Coarse      0.55   
Microstructur
X X X X X X X 
Fine      0.37   
 
980 
Coarse      0.64   
Microstructur
X X X X X X  
Fine  0.21 0.25 0.3 0.35 0.44 0.55  
 
1040 
Coarse  0.48 0.525 0.58 0.64 0.69 0.73  
Microstructur
X X X X X X X 
Fine  0.3 0.355 0.390 0.440 0.520 0.625 0.84 
 
1100 
Coarse  0.56 0.6 0.650 0.70 0.736 0.775 0.84 
 
 
Only selected times among those given were adopted at different temperatures used 
and these are denoted by X in Table 3. The samples were individually removed after the 
specified time periods at the given temperatures and quenched in cold water. Cold water 
quenching was to retain the precipitate sizes in the microstructure after the given 
reheating. 
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It has been observed from the grain size data for the duplex size precipitate 
specimens after annealing at 1100 °C for different holding times that the fine precipitates 
grow rapidly to the same size as the coarse precipitates and reach an unimodal, single size 
precipitate distribution in the matrix. After 100 hours of ageing time, the average size of 
such single size unimodal particles is of the order of 840 nm, see Table 3. 
In order to determine the maximum size possible for the coarsening precipitates, the 
independent samples were annealed at 1100 °C in vacuum under similar conditions for 
longer than 100 hours, up to 400 hours. The precipitates were seen to grow further and 
align up in long rafts in different directions. Coarsening of the rafts was also observed 
along with several solitary formations of large islands of precipitates. The formation of 
rafts under zero applied stress and subsequent coarsening is treated later in the analysis 
and discussion section of this thesis.  
SEM micrograph of the specimen aged for 200 hours showed a very interesting 
phenomenon. The coarsened rafts and the large islands developed were seen to break up 
into several small fragments along the <111> directions. It appeared that dissolution of 
these fragments into the matrix occurred subsequently. A region of precipitate-depleted 
zone was also observed surrounding the breaking up rafts and coarse particles. 
Subsequent quenching to room temperature could have formed the fine cooling 
precipitates seen in the microstructure. Alternatively they could have been reformed at 
1100 oC itself in regions where the coarse precipitates have completely broken down and 
dissolved. In order to establish, if these fine precipitates formed re-grow to the transient 
size again and this process repeats itself, in a cyclic manner, nine additional initial duplex 
precipitate specimens were annealed for various time periods from 150 hours to 350 
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hours. Specimens were withdrawn at intervals of 25 hours in this time span and water 
quenched. It was observed that the precipitates grew to maximum sizes, which peaked 
first at around 200 and then again at 300 hours, followed by subsequent breakdowns of 
the coarsest precipitates. Thus, it appeared that two growth and splitting cycles have been 
established. However, to look more closely into this phenomenon more specimens were 
felt to be needed and more initial duplex specimens were annealed at 1100 °C from 175 
hours to 400 hours at intervals of approximately 12 hours. These are currently under 
study. 
For precipitate microstructure studies, the samples were ground using grinding 
paper with coarse 120 to fine 600 ASTM grit sizes and polished on rotating wheels with 
fine alumina powder of size down to 0.05 micron. After cleaning, they were etched with a 
solution of composition 33 % HNO3 + 33 % acetic acid + 33 % H2O + 1 % HF (vol.%). 
Matrix grain morphology was revealed by etching with a solution of composition:  
50 ml HCL + 50 ml H2O2 + 10 g Cu2SO4. A JEOL 840A Scanning Electron Microscope, 
equipped with an ultra-thin window EDS, was used to characterize the size and 
morphology of the γ ′ precipitates. 
Microstructures were digitally recorded using a Macintosh Quadra data acquisition 
and control system and analyzed for precipitate grain size later. Photomicrographs were 
recorded at 1000, 2500, 8000 and 16000X. For precipitate size analysis, magnification of 
the micrographs reproduced was maintained the same in all cases at 8000 X (8 kX; 8 mm 
in precipitate photomicrographs = 1 µ m) to facilitate direct comparison of precipitate 
sizes in different microstructures. 
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Precipitate size measurements were undertaken on the SEM photomicrographs. 
Reported precipitate sizes were obtained after measuring sizes of about 100 fine 
precipitates and as many medium size coarse precipitates as possible (usually about 25). 
The measurements were obtained manually by measuring the lengths along several 
diagonals and averaging those for each case. The average particle equivalent equimaxed  
sizes given in Table 3 were then obtained for both the fine and coarse precipitates by 
using statistical analysis of the data collected. Precipitates in selected microstructures 
were also analyzed for composition using the Energy Dispersive Spectrometer (EDS) 
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Chapter 3. Results and Discussion – Part A 
3.1 Microstructure Development and Characterization    
Chemical composition of the γ ′ precipitates in the superalloy IN738LC has been  
analyzed earlier [35] and its structure has been shown to be of the L12 type using X-ray 
diffraction. The volume fraction of the γ ′ precipitate was determined to be 40-43 % in 
the FC condition and much lower, of the order of 23 % at 1120 oC/WQ and 30 % at  
1050 – 1090 oC/WQ [35], analogous to the values given in the literature. 
3.2 Microstructure Modifications in the Duplex Precipitate Alloy at 800, 850, 900 
            and 980 oC for Different Holding Times 
 
After solution treatment and initial ageing the starting microstructure had a duplex 
(bimodal) γ ′ precipitate morphology, where the fine particles were of the order of 60 nm 
and the medium coarse particles were of the order of 300 nm in size. This is analogous to 
the specimen morphology at 800 oC after 15 mins, induction ageing [20]. Annealing the 
initial duplex size precipitate specimen at 800 oC/WQ for 25 hours and water quenching, 
Figure 5 (a), showed the fine precipitates to become coarser, to about 120 nm, and the 
growth of the medium precipitates to 380 nm, see Table 3. Further growth of the fine and 
medium coarse precipitates could be observed when the specimens were aged for 50 
hours, Figure 5 (b). 
Similar coarsening of the fine precipitates as well as further slow coarsening of 
the medium coarse precipitates were observed at 850, 900 and 980 oC. The sizes of the 
duplex (both primary and the cooling) precipitates are detailed in Table 3 as function of 
temperature for different holding times. The SEM photomicrographs are included in 
Figure 6 (850 oC, 25 hours/WQ), Figure 7 (a), (b), (c), (d) (900 oC, 3, 13, 25 and  
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50 hours/WQ), Figure 8 (a), (b), (c), (d), (e), (f) and (g) (980 oC, 1, 3, 7, 13, 25, 50 and 
100 hours/WQ). 
 
               
(a) (b)  
 
Figure 5: Microstructures obtained subsequent to coarsening of fine and medium 
                 coarse precipitates after annealing at 800 oC for different holding times ‘t’ 




Figure 6: Microstructure after annealing at 850 oC for 25 h and water quenching 
     





                
(a) (b) 
 
                     
         (c)                                                                            (d) 
 
Figure 7: Microstructures after annealing at 900 oC for different times ‘t’ and water 
                 quenching: (a) t = 3 h; (b) t = 13 h; (c) t = 25 h; (d) t = 50 h. 
 
 - 28 -  
               
        (a)                                                                       (b)   
              
     (c)                                                                           (d) 
               
(e) (f)  
Figure 8: Microstructures after annealing at 980 oC for different times ‘t’ and water 
                 quenching: (a) t = 1 h; (b) t = 3 h; (c) t = 7 h; (d) t = 13 h; (e) t = 25 h;  
                 (f) t = 50 h; (g) t = 100 h. 
(Figure continued..) 
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(g) 
3.3 Microstructure Evolution at 1040 and 1100 oC for Different Holding Times 
 
Both the fine and medium size γ ′ precipitates grew with time at a given 
temperature (e.g. 1040 oC). Figure 9 (a), (b), (c), (d), (e) and (f) show the 
microstructures obtained after annealing for various times at 1040 oC and Figure 10 (a), 
(b), (c), (d), (e), (f) and (g) for various times at 1100 oC. Precipitate shapes and sizes 
obtained after 25 hour annealing at the different temperatures used are shown in Figure 
11. It is seen that the growth is slow at lower temperatures, whereas the growth rate is 
noticeably high at 1040 and 1100 oC, as can be expected. The fine precipitates are found 
not only to join with each other and coarsen, they also merge with the adjacent medium 
size precipitates coarsening them further [17, 19, 27, 29-32]. The fine precipitates 
gradually coarsen to the size of the growing medium size precipitates and after a certain 
time a single coarse size is realized. Thus, single size coarse precipitates are found after 
100 hours of treatment at 1100 oC. It is thereby established that the duplex sized 
precipitates each grow cont inuously and ultimately become single-sized coarse 
precipitates. 
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Treating the fine-precipitate-containing alloy at 1120 oC for longer times showed 
earlier that the precipitates would grow to a maximum size of about 700 nm and then 
begin to dissolve partially even at 1120 oC.  (1130 to 1150 oC is judged to be the normal 
precipitate partial dissolution and duplex size precipitate formation range). Similar 
coarsening and dissolution could occur at 1100  oC after a much longer time. This is 
discussed further in the next chapter of the thesis. 
 
 
                
 
                 (a)                                                                     (b)  
 
               
 
               (c)                                                                        (d) 
 
Figure 9: Microstructures after annealing at 1040 oC for different times ‘t’ and 
                  water quenching: (a) t = 1 h; (b) t = 3 h; (c) t = 7 h; (d) t = 13 h;  
                  (e) t = 25 h;(f) t = 50 h. 
(Figure continued..) 
 - 31 -  
         
 










































 - 32 -  
     
 
              (a)                                                                         (b)  
 
       
 
               (c)                                                                  (d)  
 
     
 
   (e)                                                                        (f) 
 
Figure 10: Microstructures after annealing at 1100 oC for different times ‘t’ and 
                    water quenching: (a) t = 1 h; (b) t = 3 h; (c) t = 7 h; (d) t = 13 h;  
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(a) (b)  
 
                 
  (c)                                    (d) 
 
                      
 
 
      (e)                       (f)  
 
Figure 11: Microstructures obtained after 25 h annealing at different temperatures  
                  and water quenching: (a) 800 oC; (b) 850 oC; (c) 900 oC; (d) 980 oC; 
                  (e) 1040 oC; (f) 1100 oC. 
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Chapter 4. Results and Discussion – Part B 
4.1 Precipitate Growth Features in the Duplex Size γ  ′ Distribution in the 
Superalloy IN738LC 
 
Two different growth mechanisms have been observed for the coarsening of the  
γ ′ precipitates. Precipitate growth by the Ostwald ripening process [78] and 
agglomeration of fine particles with each other and with the coarse ones, contributing to 
coarsening by the precipitate agglomeration mechanism (PAM), proposed earlier [77].  
Analogous predictions in different other proposed models [19, 27, 29-32], were found in 
the microstructures of a few annealed samples at the initial stages, Figure 12. It is clear 
that the coarse particles attract the nearby fine particles leading to their further coarsening 
by the agglomeration process, simultaneously denuding the zone around them of the fine 
ones. From the sizes of precipitates obtained from different microstructures, the molar 
activation energy for the growth process for both the fine and the coarse precipitates were 




Figure 12: Coarsening by particle agglomeration 








t −==− ……….………………………….(7) 
wherein do is the initial size of the particle to start with at t = 0, dt is the size after a 
heating time of ‘t’ at the temperature T, n is the growth exponent generally (assumed to 
be 3) and Q is the molar activation energy for the growth process [74]. It is not certain, 
however, whether this equation, originally given by Wagner [14] and Lifshitz and 
Slyazov [13], would still be valid for the precipitate growth by the particle agglomeration 
mechanism. It can be expected to prevail if the particle motion is controlled in some way 
by the diffusion of atoms in the matrix. Here, an attempt is made to analyze the 
precipitate size data obtained using this LSW model modeled for precipitate growth.  
Average size data obtained are plotted in Figure 13 for the 25-hour treatment at 
different temperatures and in Figure 14 (a) and (b) for different times at 1040 oC and 
1100 oC, respectively. The data in Figure 13 and Table 3 are replotted as ln(d) vs. 1/T 
plots in Figure 15. These plots were found to have five different linear segments with 
slightly different slopes in the temperature ranges between adjacent temperatures, see 
Table 3. From the slopes of these linear segments the Q values were calculated. Each Q 
value was then taken to prevail in the corresponding temperature range and was plotted in 
a separate figure, Figure 16, as Q vs. mean T plots. The mean temperature was chosen, 
since there are two slopes of adjacent temperature ranges and hence two different Q 
values for the end temperatures of each range. Corresponding to these mean temperatures 
the ‘d’ values can be calculated from the slope equations and using this data 
corresponding Q vs. ‘d’ plots were generated and plotted in Figure 18 (plots for 25h 
treatment at different temperatures). 
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From the data of precipitate sizes at the two temperatures 1040 and 1100 oC for 
different times (given in Figure 14), activation energy Q for the precipitate growth 
process could also be calculated from the two values of the size data of the coarse or fine 
precipitates corresponding to the two temperatures for a specific time. This Q value was 
taken to prevail in the temperature range 1040-1100 oC and, for similar reasons as stated 
earlier, was taken corresponding to the mean temperature 1070 oC and the specific 
holding time. Figure 17 gives the plots of Q vs. holding time ‘t’ for the fine and coarse 
particles corresponding to the mean temperature 1070 oC. Taking the average of the 
precipitate sizes at the two temperatures corresponding to a given holding time as the size 
of the precipitate at the mean temperature for the same holding time, the above Q vs. ‘t’ 
plots could be converted to Q vs. ‘d’ plots. These plots are also included in Figure 18 



























Figure 13  Plots of precipitate size data after 25 hour annealing treatment at 
                     different temperatures. 
























0 10 20 30 40 50
Annealing Time, h
 
               
























          
Figure 14  Plots of precipitate size data for different annealing times in the range  
                    1 to 100 h at (a) 1040 oC (b) 1100 oC. 
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Figure 15  Plots of ln(d) vs. 1/T (T = 1073 -1373 oK) for coarsening of fine and coarse  
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Figure 16  Activation energy ‘Q’ for precipitate coarsening of fine and coarse 
                     particles in the duplex size distribution plotted against average  
                     temperature in the range between adjacent temperatures (from  
                     25 h annealing data). 
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Figure 17  Activation energy ‘Q’ for precipitate coarsening of fine and coarse  
                     particles in duplex size distribution, plotted against annealing time ‘t’  
                     (calculated from the size data for specific ‘t’s at 1040 and 1100 oC and 
                     taken to represent the ‘Q’ values for the mean temperature 1070 oC). 
 
The above plots show that the activation energy is not a constant in the 
temperature range 800 to 1100 oC, but varies continuously. Also the activation energies 
for the growth of coarse precipitates are smaller than the analogous values for the growth 
of fine precipitates. It is observed that there is a decrease in the activation energy for the 
growth of the coarse or fine particles for 25 h annealing time with an increase in 
temperature. The activation energy for the growth also is found to decrease with 
increasing size of the precipitate with increasing holding time at a given temperature, 
1070 °C, for both the fine and coarse precipitates. It is noticed that both sets of data show 
analogous drop in Q with increasing ‘d’ and the offset between the plots of the two 
different sets of data becomes progressively minimal as the size of the particles increases. 
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This can be attributed to slight inaccuracy in the estimation of the average size of fine 
particles and to somewhat better accuracy in the determination of the size of the coarse 
particles.  
The above results clearly indicate that the activation energy for the growth of 
precipitate particles in the duplex size range is not a constant, but depends on the size of 
the particles. It is clear that it decreases with increasing size of the particles in the duplex 
structure, which would imply that the coarser particles grow more easily in the duplex 
structure, needing less activation energy than for the finer particles. 
Coarse - for different times at 1070oC
Fine for 25 hours at mean 
temperature in the range
Coarse for 25 hours at mean 
temperature in the range
Fine - for different times at 1070oC


















Figure 18 Combined figure showing all data of activation energy ‘Q’ for  
                      precipitate coarsening of fine and coarse particles in duplex size  
                      distribution vs. precipitate size ‘d’. ‘d’ is calculated from the slope  
                      equations in Figure 15 for the mean temperatures of the various ranges  
                      (for 25 hours annealing) and from particle sizes for various times at  
                      1040 and 1100 oC in Figure 14 (for the mean temperature 1070 oC). 
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This can be attributed to the larger attractive force (enunciated in the PAM model 
[77]) the coarser particles would exert on the finer particles, while the corresponding 
agglomerating force would be weaker for the finer particles. The larger attractive force 
apparently makes it easier for the fine particles to move through the matrix and this leads 
to a reduction in the activation energy needed for particle agglomeration and the resultant 
size increase. As the attractive force is stated to increase progressively with the increase 
in size of particles, progressively there is also an appropriate decrease in the activation 
energy needed to consolidate the adjacent particles and contribute to the size increase of 
the coarser particles. Thus, the results obtained in this work reinforce the particle 
agglomeration mechanism enunciated earlier for the growth of particles in the duplex size 
precipitate microstructure [77]. 
4.2      Precipitate Growth Mechanisms and Kinetics in the Superalloy IN738LC  
 
 IN738LC shows the duplex size γ ′ microstructure following the partial 
dissolution of coarse precipitates starting from the coarsest ones [35] or during the 
growth from fine ones [34] in the range 1130 – 1150 oC and water quenching. Also when 
quenched from the temperature of 1120 oC after prolonged  annealing the alloy shows a 
duplex size γ ′ microstructure [77].  When quenched from the temperature range 1160 – 
1225 oC, the alloy has a fine precipitate microstructure of the ‘cooling precipitate’[77]. 
The source for the formation of the fine precipitates (even in the case of the duplex 
(bimodal) morphology) is possibly the dissolution of some of the smaller newly grown 
precipitates, (cuboidal precipitates) [77], and corner dissolution of coarse cuboidal 
precipitates in the temperature range 1130-1150 oC [77]. 
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The morphological transformation of the precipitates from cuboidal to spheroidal 
can be attributed to the requirement of reduction in surface area for the coarse cuboidal 
precipitates. Normally a low interfacial energy between the precipitate and the matrix, 
compared to other transformation energies, allows for precipitate growth through solute 
pick up from the solid solution matrix (Ostwald ripening). Because of the fact that 
materials thermodynamically prefer the lowest possible state of total free energy, it 
appears that the coarse γ ′ precipitates dissolve at higher than a critical temperature and / 
or size leading to a possible reduction of interfacial energy as well as strain energy 
associated with coherency and re-precipitate as many very fine ones upon quenching. 
This enables the accommodation of a larger surface area. However overall free energy is 
kept approximately unchanged, corresponding to that at a given temperature. 
The growth of a few precipitates by merging can also be explained on the basis of 
the need for reduction in total surface area and to prevent an increase in the overall 
surface energy. Smaller particles migrate as a whole to the nearby coarse particles and 
join with them, or coalesce with nearby fine ones as well, at relatively high temperatures. 
This points to the fact that the matrix is considerably softened to enable such migration. 
Also an attractive force between such agglomerating particles due to elastic strain fields 
can be postulated [77]. 
Precipitates generally coarsen by picking up solute atoms from the matrix driven 
by the atomic diffusion process. Coarsening can also occur by particle agglomeration 
mechanism (PAM) [77], also in line with analogous models in other works  
[19, 27, 29-32], different from the Ostwald ripening process of conventional solute atom 
diffusion process in the matrix. This has been observed in the case of this superalloy 
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IN738LC also.  The particle migration and agglomeration process can still be considered 
as activated by the inter-diffusion of atoms at the interface leading to its migration in the 
direction of its greatest pull from the attractive force, activating the migration of the 
precipitate as a whole in the matrix medium. The precipitate coalescence takes place at a 
nearly constant volume fraction in the temperature range 650-1130 oC. 
The first hypothesis on the precipitate movement in the matrix as a whole for the 
agglomeration purpose was made by R. D. Doherty [31]. He indicated that the 
precipitates could move toward each other and join by the removal of elastically strained 
matrix. Voorhees and Johnson [49] did the first theoretical analysis of the particle 
migration in the matrix, driven by elastic stresses. Their work extended to developing the 
formula for the growth rate and migration velocity of the mass center of precipitates on 
the basis of the elastic energies. There are other similar and analogous models in  
other works [19, 27, 29, 30, 32]. The general finding is that the sign of the misfit and 
applied stresses, the ratio of the elastic properties of the matrix and the precipitate phases, 
and the interfacial energy significantly affect the precipitate morphology evolution. Some 
of the findings indicate an inverse coarsening, where smaller precipitates may grow at the 
expense of the larger ones, due to the elastic interactions between the precipitates, quite 
the opposite of Ostwald ripening. 
 In the particle agglomeration model (PAM) [77], the requirement for more 
energy for the coalescence process has been clearly explained by distinguishing between 
the processes for the growth, one via the dissolution and atomic diffusion and the other 
via coalescence. Based on the observations made [77], PAM postulates that the 
consolidation of the adjacent particles by particle motion is due to an attractive force FA 
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exerted by the particles on one another. This attractive force is said to be developed by 
the need to reduce the overall surface interfacial energy of the particles as well as the 
elastic strain energy of the matrix at a given temperature, which is determined by the total 
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Chapter 5. Results and Discussion 
5.1 The Particle Break-up Mechanism (PBM) of the Strengthening γ  ′ Precipitates in 
       the Duplex Size Distribution on Annealing at 1100 OC for 200 Hours in the  
       Superalloy IN738LC. 
 
After the solution treatment and the initial ageing treatments as described in 
section 2.2, the initial starting microstructure had a duplex (bimodal) γ ′ precipitate 
morphology, where the fine particles were of the order of 60 nm and the medium coarse 
particles were of the order of 300 nm in size. Annealing the specimens at  
1100 oC for 100 hours and water quenching showed the fine precipitates becoming 
coarser and reaching the size of the slowly growing coarse precipitates, finally reaching a 
uniform coarse microstructure of 840 nm. To estimate the maximum size attainable by 
the coarsest precipitates, the alloy with the initial duplex size precipitate microstructure 
was further annealed for long time periods in the range 150 to 350 hours, withdrawing 
individual specimens at 25-hour intervals. 
The precipitates were observed to coarsen further. Long raft patterns (particles 
joined along a line) were developed in different orientations along with formation of 
several distinctly large islands of agglomerated precipitates. The rafts were seen to 
coarsen along with further growth of the precipitate islands. An SEM  photomicrograph of 
the specimen annealed for 200 hours at 1100 oC is shown in Figure 19. It shows a very 
interesting phenomenon. The coarsened rafts and the large islands developed are seen to 
break up into many fine precipitates in parallel arrays Figure 19. A region of precipitate 
depleted zone is also observed around the breaking up rafts and coarse particles. That the 
big and the coarse particles break-up into many fine particles of size equivalent to those 
of ‘cooling precipitates’ is obvious in the microstructure shown in Figure 19. Note that 
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all the coarse particles are breaking up. Looking at several such breaking particles, it is 
seen in many that the break-up is initiated at the surface along a line if the particle is big 
(of the order of ~ 2 µ m in size), but when the particles become progressively thinner 
after such break-up the whole particle break up into many fine ones located along parallel 
lines. Two distinct directions of fine particle arrays inclined at ~ 120 o to each other, are 
noticed in the completely breaking particles situated at the lower left regions of the 
figure. This might imply that the particle break-up directions are along the <111> of the 
FCC lattice.  
 
Figure 19  Microstructure after 200 hour annealing at 1100 oC. Particle break-up  
                    along a direction of a raft is clearly illustrated. Particles break-up into  
                    fine fragments along two directions, 120o apart, indicative of breakdown  
                    along <111> directions. 
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It is also apparent that the fine particles so produced by the particle break-up 
process dissolve into the matrix and disappear. The denuded zone around the breaking 
coarse particles indicates that nucleation of cooling precipitates does not take place in this 
region. A repulsion force propelling the solutes in the matrix from the dissolving coarse 
precipitates can be postulated. In the rest of the area cooling precipitates are seen to have 
formed and evenly distributed in the matrix. This implies that the solute redistribution 
shall occur rather fast into the region where the coarsest particles have completely 
broken-up and dissolved, right after their complete disappearance through dissolution.  
The question now arises: If the coarsest particles disintegrate and dissolve into the matrix, 
do they reform as fine ones at the annealing temperature, grow again to the maximum 
size, break-up and whether this process occur in cycles. 
5.2     γ  ′ Precipitate Particle Elastic Strains and Interactions (Particle Break-up 
             Mechanism (PBM)) 
 
A precipitate present in a solid matrix has an excess energy associated with it. 
This energy can be split into three parts [80]. 
E = E1 + E2 + E3……………………………………..…(8) 
where E1 is the elastic strain energy due to lattice mismatch between precipitate and 
matrix. E2 is the interfacial energy of the precipitate. The precipitate takes a particular 
shape so as to minimize E1 + E2. The energy E3, is the elastic interaction energy between 
the precipitates due to overlap of strain fields when the inter particle distance becomes 
small. Owing to this elastic interaction non-spherical γ ′ precipitates in γ /γ ′ superalloys 
become aligned along the <100> directions. This effect has been able to produce rafted 
structures in superalloys with improved high temperature creep  
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properties [81]. Kachaturyan, et al. [82] developed a theoretical analysis to model 
morphological changes occurring during the coarsening of cube shaped precipitates. This 
model implies that as particles grow beyond a critical size, they split into smaller 
particles due to the effects of elastic interaction, thus not permitting a continuous increase 
in the mean size with increase in ageing time beyond a certain limit. This leads to a 
possibility of stabilization of the microstructure. The splitting phenomenon is just the 
reverse of the coalescence in the sense that the splitting of precipitates leads to a 
discontinuous decrease in size. One of the arguments proposed for coalescence not taking 
place between two particles, which are very close to each, other but out of phase, is the 
necessity of forming an APB. If two particles have instantaneously coalesced and the size 
corresponds to the size at which the particle should split according to the splitting model, 
then it comes to the point whether there will be any coalescence in the first place. 
Several investigations have been directed toward studying elastic interactions 
between solid particles in a solid matrix. Ardell, et al. [83] reported that there is a 
resistance to coalescence due to the presence of elastic interactions. They also state that 
the kinetics of coarsening remain unaffected by the presence of elastic strain fields. When 
the lattice mismatch in alloys is small, where the precipitates are spherical in shape, there 
is no appreciable alignment. Ardell has shown [84] that as the lattice mismatch increases 
the greater is the particle size found at a particular ageing temperature. Systemic 
experimental studies should throw light on the effect of elastic strains on coarsening as 
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Chapter 6. Conclusions and Suggestions for Further Work in This 
          Area 
 
The following constitutes the salient conclusions from this research. 
The activation energies for coarsening of the coarse precipitates are smaller than 
the analogous values for the growth of fine precipitates, in duplex size precipitate 
distribution.  
The experimental results clearly indicate that the activation energy for the growth 
of the precipitate particles in the duplex size range is not a constant, but depends on the 
size of the particles.  
There is a decrease in the activation energy for the growth of the coarse or fine 
particles for similar annealing time with an increase in temperature. 
The activation energy for the growth also is found to decrease with increasing size 
of the precipitate with increasing holding time at a given temperature, 1040 °C, for both 
the fine and coarse precipitates.  
The activation energy for coarsening in the duplex distribution seems to decrease 
with increasing size of the particles implying that the coarser particles grow more easily 
in the duplex structure, needing less activation energy than for the finer particles. This 
can be attributed to the larger attractive force (enunciated in the PAM model [77]). The 
coarser particles would exert on the finer particles, while the corresponding 
agglomerating force would be weaker for the finer particles.  
The larger attractive force apparently makes it easier for the fine particles to move 
in the matrix towards the adjacent coarse particle and this leads to a reduction in the 
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activation energy needed for particle agglomeration and the resultant size increase. Since 
the attractive force increases with the increase in particle size, progressively less 
activation energy is needed to consolidate the adjacent particles and contribute to the size 
increase of the coarser particles as the particles grow. Thus, the results obtained here 
reinforce the particle agglomeration mechanism enunciated earlier for the growth of 
particles in the duplex size precipitate microstructure [77]. 
From our experimental results, in the duplex size precipitate distribution, after 
annealing beyond 100 hours at 1100 °C, after obtaining a unimodal, single size coarse 
precipitate microstructure, on further ageing, the precipitates were observed to coarsen 
more. Long raft patterns were developed in different but distinct orientations along with 
formation of several distinct formations of large islands of agglomerated precipitates. The 
rafts were seen to coarsen with further growth of the precipitate islands. At 200 hours of 
ageing, the coarsened rafts and the large islands developed were seen to break up from 
the corners into and fine precipitates line up in parallel arrays along two directions ~ 120o 
apart, our results indicate that the break-up possibly occur along the octahedral <111> 
directions of the FCC L12 structure.  
Based on the results obtained in this study, and in view of the industry 
requirements, modeling creep in the duplex microstructure is required to be delved into. 
The application and further refinement of the PAM model will be very important for 
predicting coalescence and coarsening mechanisms in different precipitate size 
distributions.  
The effect of the growth and break up of the precipitates in the duplex size 
precipitate distribution on high temperature creep will be of enormous significance. This 
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brief outline lists only a few of the numerous research questions necessary to be studied 
in view of the practical application of the material at high temperatures in the industry 
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